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Abstract

The crystallization and melting of three model polyethylenes of different chain structures have been

studied. The polymers studied were a linear copolymer, hydrogenated poly(butadiene); a hydroge-

nated poly(butadiene)-atactic poly(propylene) diblock copolymer; and a three-arm star hydroge-

nated poly(butadiene). An important feature of this work was that the crystallizing portions of the

copolymers all have the same molecular lengths.

It was found that the overall crystallization rate decreases steadily from a linear to a diblock to

the star copolymer. The differences in crystallization rates are related primarily to the activation en-

ergy for segmental transport. The non-crystallizable structure affects the segmental mobility to dif-

ferent degrees. An estimation of this effect is presented from the analysis of the overall crystalliza-

tion rates using classical nucleation theory. In spite of the differences in their molecular structure,

there are no major differences in the supermolecular structure of samples crystallized rapidly or

slowly cooled.

The melting process followed by DSC of the isothermally crystallized linear and star copoly-

mers shows two endothermic peaks at intermediate undercoolings. The double melting is associated

with a partitioning of crystallizable ethylene sequences during crystallization. The longest sequences

are preferentially selected in the early stages of the crystallization. Single melting peaks are obtained

for high and very low undercoolings for the linear and the star copolymers as well as for the diblock

in the whole range of temperatures. The lack of the second, lower melting endotherm in the diblock

could be associated with the influence in the crystallization process of the amorphous block in the

microphase segregated melt.

Keywords: ethylene copolymers, model polyethylenes, polyethytlene crystallization, polyethylene
melting, polyethylene structure-properties, random copolymers

Introduction

The polyethylenes can be synthesized to yield a variety of molecular architectures.

These range from linear homopolymers and copolymers to highly ramified structures
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[1, 2]. The different structures can, in turn, be expected to impart different properties

to the polymers in both the molten and semi-crystalline states. Copolymerization of

ethylene with alkene-type monomers has long been used to decrease the level of

crystallinity of the homopolyethylene to a desired range suitable for any specific ap-

plication. The properties of random ethylene-1-alkene copolymers (so-called linear

low density polyethylenes) with narrow molecular mass and comonomer composi-

tion distributions have been reviewed [3]. Increasing the concentration of the

comonomer decreases the melting temperature, level of crystallinity and the thick-

ness of the resulting crystallites. A deterioration in the character of the lamellar crys-

tallites is also observed with increasing branching content. The lamellar habit is lost

in copolymers with about 4 mol% of branch points [4]. The well formed spherulites

obtained in the linear homopolymers and copolymers with low branching content

(1–2 mol%) become less structured with increased branching. Imperfect, randomly

oriented crystals of the fringed-micelle type are the predominant morphology in the

highly branched random ethylene copolymers [4, 5]. A definite correlation can be

made between the lamellar and supermolecular structures [6, 7]. The properties and

crystallization behavior of copolymers with butene, hexene or octene as comonomers

are not significantly different from one another [8, 9]. The branches are mainly re-

jected into the intercrystalline regions [3, 8, 9]. Studies of the type described above

have been extended in this work to random ethylene copolymers of different molecu-

lar architectures. The copolymers were synthesized by anionic polymerization [10,

11] to ensure very narrow molecular mass distribution and uniform interchain

branching content.

The polymers studied here are a linear copolymer, hydrogenated poly(buta-

diene), an ethylene-butene random copolymer; a hydrogenated poly(buta-

diene)-atactic poly(propylene) diblock copolymer; and a three-arm star hydrogenated

poly(butadiene). An important feature of this work is that the crystallizing portion of

each of the polymers selected for study had the same molecular mass and ethyl-

branching composition. We have studied the crystallization kinetics from the melt the

melting behavior, the phase structure by means of DSC and density measurements,

and the supermolecular structure by means of small-angle light scattering (SALS)

and optical microscopy.

Experimental

Materials

The molecular characteristics of the polymers used in this work are listed in Table 1.

Sample A, labeled HPBD49, is a hydrogenated polybutadiene kindly supplied to us

by Graessley. Its synthesis and some properties have previously been described [10].

Sample B, designated P108, is a similar copolymer with Mw=108000 g mol–1. Both of

these copolymers have very narrow molecular mass and composition distributions.

Samples C and D were given to us by Lohse and Fetters. Sample C, designated

HPBD/APP, is a diblock copolymer of hydrogenated poly(butadiene) and atactic
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poly(propylene), (hydrogenated poly(butadiene)-block-2-methyl-1,3-pentadiene).

The synthesis and properties of this copolymer have been described, and was desig-

nated DEP113 [12]. Sample D, designated STAR HPBD, is a star copolymer contain-

ing 3 arms. Each arm is composed of a hydrogenated poly(butadiene) of molecular

mass 50000 g mol–1. It should be noted that except for P108, the molecular mass of

the crystallizing entities of each of the polymers were very similar to one another, as

were the short-chain branching contents.

Table 1 Molecular characteristics of the polyethylenes studied

Type polymer
Sample

designation
Mw /g mol–1 Mw/Mn

Ethyl
branches/100

carbons

A Linear copolymer HPBD49 49000 ~1.1 ~2.3

B Linear copolymer P108 108000 1.3 2.2

C Block copolymer HPBD/APP
54000 HPBD
59000 APP

~1.2 2.0

D Star copolymer STAR/HPBD
150000

(50000 each arm)
~1.2 2.0

Sample preparations

Samples for study were initially pressed into thin films between Teflon sheets at ca

150°C in a Carver press. For one mode of crystallization the films were held at 150°C for

approximately 2 min before being quenched quickly in a dry ice/2-propanol mixture at

–78°C. These samples were used for SALS, density, microscopy and DSC studies. In the

other mode of crystallization, the samples were crystallized isothermally at elevated tem-

peratures for extended time periods. For this procedure, films were placed in glass tubes

which were evacuated and sealed. The sealed tubes were immersed for 15 min in an oil

bath set at a temperature of 150°C to ensure complete melting and then transferred to a

second pre-set oil bath and held there for the desired time. Samples were crystallized in

this way at 90°C for 7 days and at 95.4°C for 16 days. After the period of crystallization

the tubes were quickly transferred to a dry ice/2-propanol bath at –78°C.

Procedures

The enthalpy of fusion, )Hf and the melting temperature, Tm, were determined with a

Perkin Elmer DSC-2B differential scanning calorimeter operating at a heating rate of

10°C min–1. The instrument was calibrated using indium as a standard. Since the melting

behavior of the samples investigated occurs over a broad temperature range, the instru-

ment was fitted with a low temperature accessory. )Hf was calculated from the area of

the melting endotherms and was converted to the degree of crystallinity, (1–8))H, by tak-

ing the enthalpy of fusion of a perfect polyethylene crystal to be 69 cal g–1 [13].
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The same instrument was utilized for the crystallization kinetics measurements.

Samples weighing approximately 3 mg were placed in aluminum pans and heated to

148.2°C for 5 min. They were then cooled rapidly in the DSC (nominally at

320 K min–1) to a fixed crystallization temperature. For the lowest crystallization

temperatures, the crystallization exotherm was recorded. However, as the crystalliza-

tion temperature was raised, and the rate of crystallization reduced, the exotherm

measurement became inaccurate, as well as impractical, so an alternative method was

adopted. The samples were crystallized for increasing lengths of time and then

melted at a rate of 10°C min–1. As has been found in other studies, there was good

agreement between the isotherms obtained by the exotherm and endotherm methods

[14]. The time taken to reach 10% of the maximum crystallinity level, (J0.1), was de-

termined for each isotherm and taken as a measure of the crystallization rate.

The melting of crystals formed isothermally was also followed as a function of

crystallization time. In this experiment consecutive crystallizations at the same tem-

perature (Tc) were repeated for increasing times and the melting obtained at

10°C min–1 from the Tc.

Densities were measured in a trimethylene glycol/2-propanol density gradient col-

umn at 23°C [15]. The column was calibrated with glass float standards. The densities

were converted to degrees of crystallinity, (1–λ)d, using the known specific volume rela-

tionship [16]. The density of crystalline polyethylene was taken as 1.00 g cm–3, and that

of amorphous polyethylene as 0.853 g cm–3.

The small-angle light scattering patterns, that served as the main basis for char-

acterizing the supermolecular structures, were obtained with an instrument that has

been described previously [17]. The Hv pattern was used for this purpose. The radius

of the spherulites was calculated from the Eq. [17]

U
R

max
maxsin= 








4

2

π
λ

θ
(1)

where Umax is the maximum scattering in the radial direction and equals 4.1, R is the

spherulitic radius, λ is the wavelength of radiation, and θmax is the angle at which

maximum scattering occurs. The optical micrographs were obtained with Leitz mi-

croscope fitted with an automatic photographic camera.

Results and discussion

Crystallization kinetics

The crystallization kinetics studies were undertaken to assess the role of the molecu-

lar architecture on the rates. The isotherm shapes of the copolymers were similar to

one another and to those previously published for the linear copolymer [18]. The nat-

ural log, ln, of the crystallization rate, defined as the inverse of the time required to

obtained 10% of the maximum crystallinity (1/J0.1), is plotted in Fig. 1 vs. the crystal-

lization temperature for each of the polyethylenes studied. The rates measured from
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exotherms, and represented by the open symbols, merge smoothly with the endother-

mic ones, that are represented by the solid symbols. It is clear from this figure that the

molecular architecture has a pronounced influence on the rate. Although the shapes

of the plots are qualitatively similar to one another, the time scales are quite different.

The two linear copolymers, samples A and B, follow the pattern previously reported

[18]. The lower molecular mass linear copolymer, sample A, crystallized at a much

faster rate than the higher molecular mass (sample B) at the same temperature. Sam-

ple A also crystallized much faster than sample C, the block copolymer, although the

crystallizing block had a very similar molecular mass. The three-arm star copolymer,

whose arms are each also of similar molecular mass, crystallized at an even slower

rate. The chain structure has an obvious and major influence on the crystallization

rate. The melts of samples A, B, and D are homogeneous. However, the symmetric

diblock copolymer, sample C, has been reported to undergo microphase separation in

the melt, the phases being strongly segregated [12]. The crystallization rates of sam-

ple B and the di-block copolymer are, coincidentally, very close to one another.

As is typical of polymer crystallization, the crystallization rates of all the poly-

mers given in Fig. 1 exhibit a strong negative temperature coefficient, indicative of a

nucleation controlled process in this temperature range. Using the Turnbull-Fischer

[19] expression for the steady state nucleation rate we can express the overall crystal-

lization rate as

1 0 1 0/ exp.

*

τ = −
























k
E

RT

G

RT

D ∆
(2)

where k0 is a constant, ∆G* is the free energy of forming a nucleus of critical size and

ED represents the effective activation energy of segmental transport across the liq-

uid-crystal interface. Equation (2) is very general so several assumptions have to be

made in order to use it to analyze the experimental data.
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Fig. 1 Plot of ln of crystallization rate (1/τ0.1) vs. the crystallization temperature for in-
dicated polyethylenes



The strong temperature coefficient arises from the temperature dependence of ∆G*.

The detailed form of ∆G* is dependent on the specific type of nucleus that is formed, and

on the nucleation process. Several types of nucleation processes can be considered [20,

21]. These include the formation, either homogeneous or heterogeneous, of

three-dimensional nuclei, or a Gibbs-type two-dimensional coherent unimolecular nu-

cleus. It has been shown for the crystallization of many polymers that it is not possible to

discriminate between the formation of either a two- or three-dimensional nucleus. There-

fore, in order to analyze the data according to nucleation theory an assumption has to be

made. We take as an example a two-dimensional coherent nucleation process. The major

conclusions reached do not depend in any way on either the type of nucleus that is se-

lected for analysis or on the chain structure within the nucleus [22]. We choose this nu-

cleation model solely for illustrative purposes.

The expression for ∆G* of a random copolymer, where only one of the comono-

mers participates in the crystal has been given. Adapted to a unimolecular, coherent

nucleus, it can be expressed as [18]

∆
∆

G
G RT X

*

ln
=

+
4σ σen un

u A

(3)

with ∆Gu the free energy of fusion per repeating unit. This quantity can be approxi-

mated by ∆H u(Tm

o –T)/Tm

o in the vicinity of Tm

o . Here ∆H u is the heat of fusion per re-

peating unit, Tm

o is the equilibrium melting temperature of the infinite molecular mass

homopolymer, Fen is the interfacial free energy for nucleation of the surface normal to

the chain axis, Fun is the corresponding lateral surface free energy per repeating unit

and XA is the mole fraction of crystallizable units.

Since there is no fundamental theoretical expression for the transport term sev-

eral arbitrary forms have been considered. It has been successfully expressed in terms

of the simple Arrhenius form over a limited range of crystallization temperatures

[23]. In this case Eq. (2) will apply. More generally, over an extended temperature

range, the Vogel equation has been used to express the transport term. In this case,

Eq. (2) is written as

ln( / ) ln
( ) ( ln )

.
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Here U * plays the role of an activation energy. T∞ is the temperature below which

segmental motion becomes infinitely slow. It is conveniently defined as T∞=Tg–C2,

where Tg is the glass temperature and C2 is an arbitrary constant. Equation (4) can

then be written as

ln( / ) ln
( ) ( ln )

.

*

1
4

0 1 0τ σ σ= −
− +

−
+

K
U

R T T C RT G RT Xg 2

en un

u A∆
(5)

In this equation, it is tacitly assumed that crystallization is taking place in Regime I. For

crystallization in Regime II, the factor 4 in the last term in Eq. (5) is replaced by 2.
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We can now analyze the kinetic data in terms of Eq. (5). However, it is important to

keep in mind the basic assumptions made with regard to both ∆G* and to the transport

term. As a first step in the analysis, the experimental data from Fig. 1 are plotted in Fig. 2

according to Eq. (5) with neglect of the transport term. In constructing this figure ∆H u

was taken to be equal to 950 cal mol–1 and Tm

o was taken as 145.5°C [24]. Not surpris-

ingly, the difference in crystallization rates between the three structures is still maintained

in this figure. The data in the high temperature region can be represented by a linear rela-

tion. At the lower crystallization temperature, deviations occur as the crystallization rates

become very rapid. In analyzing the data it is assumed that the crystallization is taking

place in Regime II. Hence, the slope of the straight line that represents the high tempera-

ture data is equal to –(2FunFen)/R. From this data the product of the interfacial free ener-

gies Fen Fun can be obtained. This product is given in Table 2 for the copolymers with the

same crystallizable length. The corresponding values of Fen are also listed with the as-

sumption that Fun is 100 cal mol–1 for each of the polymers. The product of interfacial en-

ergies, or of Fen, increases approximately two-fold from the linear copolymer to that of

the star. The value of Fun Fen obtained here for HPBD49 is in very good accord with the

value of 7.41⋅105 cal2 mol–2, that has been previously reported for the same copolymers

based on dilatometric kinetic studies [18].

Table 2 Interfacial free energies deduced from Fig. 2

Sample 10–5 σunσen/cal2 mol–2 σen(σun=100)/cal mol–1

HPBD49 8.0 8000

HPBD/APP 12.0 12000

STAR/HPBD 17.2 17200
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The increase in Fen that is deduced for the star and block copolymers relative to

the linear copolymer can be attributed to the disorder at the crystal-amorphous inter-

face. Although the three polymers have very similar branching, or counit contents,

the star and the block copolymers have additional structural features that can not be

incorporated into the nucleus. For the block copolymer it is the junction with the

amorphous block, while for the star it is the region surrounding the junction point

where the three chains meet.

Analysis of the data using either of the transport terms, with either a fixed ED or

U *, for each of the polymers leads to essentially the same results described and illus-

trated in Fig. 2. Put another way, because of the limited range in isothermal crystalli-

zation temperatures that can be studied with the polyethylenes, and the domination of

the nucleation term in Eq. (5), the role of the transport term in each of the systems is

minimal. However, the fact that the polymers show significantly different rates at the

same undercooling is indicative of very different energy barriers for segmental trans-

port. The difference in the magnitudes of this energy between samples A, C and D

can be estimated by choosing values of ED orU * that lead to continuous curves. These

curves are shown in Figs 3 and 4 for the Arrhenius and Vogel type transport terms re-

spectively. The arbitrary constants that are needed are given in Table 3. Only one pa-

rameter is needed to construct Fig. 3 while two parameters are required for Fig. 4. In

this case the constant C2 was arbitrarily kept constant at 30 K. Except for the low tem-

peratures, that involve very rapid crystallizations, the crystallization rates can be jux-

taposed for the different structures studied. To accomplish this the activation energy

has to be increased in going from the linear copolymer to the three arm-star. This re-
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temperature function ×105. Values of ED used to obtain juxtaposition of curves
are indicated



sult is physically satisfactory since the long-chain branches in the star polymer would

be expected to retard the transport, or diffusion of the crystallizing units to the inter-

face. The transport of the segment of the block copolymer would be expected to be

between those of the linear polymer and the star. To obtain a continuous curve the

block copolymer required values of ED or U * that are approximately double the val-

ues taken for the linear copolymer (HPBD49). The star required values about three

times those of the linear. The differences in slopes are still discerned in this juxtaposi-

tion.

Table 3 Parameters used to construct Figs 3 and 4

Sample
Arrhenius factor (ED)/

cal mol–1 U */cal mol–1 C2/K

HPBD49 3500 1500 30

HPBD/APP 7000 4000 30

STAR/HPBD 10000 5650 30

The temperature coefficients of the crystallization kinetics of the three polyethy-

lene structures that have been studied are quite different from one another. The differ-

ences in time scale can be related primarily to the activation energy for segmental

transport. There are also differences in the interfacial free energy required to form a

nucleus of critical size. The parameters involved for each of the polymers can be re-

lated, in a qualitative manner, to their molecular architectures. Taking the linear co-

polymers as a reference, the segmental mobility of the diblock copolymer is retarded

by the heterogeneous nature of its melt. Long-chain branches, known to retard seg-
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Fig. 4 Plots of ln of crystallization rate (1/τ0.1) plus Vogel type transport term vs. tem-
perature function ×105. Values ofU * and C2 used to obtain juxtaposition of
curves are indicated



mental mobility, are manifest in the three-arm star, which is the slowest to crystallize.

The character of the interphase, and the value of Fen, are also influenced by the

non-crystallizable structures.

Phase structure

The phase structure of the model polyethylenes is described here by the degree of

crystallinity determined from both the density and enthalpy of fusion, their compari-

son, and a determination of the supermolecular structure. Two different modes of

crystallization were involved. In one, the samples were isothermally crystallized at a

predetermined temperature and then rapidly quenched to –78°C. In the other, the

samples were directly quenched from the melt. The levels of crystallinity thus deter-

mined are given in Table 4.

Table 4 Crystallinity levels as determined from enthalpy of fusion and density

Sample
Crystallinity from

DSC/( )1−λ ∆Η
(a)

Crystallinity from
density/(1–λ)d

Melting
temperature/°C(b)

HPBD49 (90°C) 34 107

HPBD49 (95.4°C) 29 103.6, 107.6

HPBD49 (quench) 24 43 103

STAR/HPBD (90°C) 25 37 97

STAR/HPBD (95.4°C) 24 102.6

STAR/HPBD (quench) 22 35 95

HPBD/APP (90°C) 35 105

HPBD/APP (95.4°C) 32 107.3

HPBD/APP (quench) 19 103

(a) The value of ( )1−λ ∆Η includes the contribution from all endotherm peaks
(b) The melting temperature corresponding to the quenched peak has been omitted for clarity

The results are similar to those previously reported for linear ethylene-1-alkene

copolymers [8, 9, 25]. The levels of crystallinity depend on the mode of crystalliza-

tion. The values obtained after isothermal crystallization are greater than for the

quenched samples. Of most interest is the fact that the values of (1–λ)d are greater

than (1–λ) ∆H . This result has been observed previously for ethylene copolymers [9,

26], linear polyethylene [27] as well as other polymers [28, 29]. The differences, that

range from 0.12 to 0.19, for the copolymers studied here can be attributed to contribu-

tions from the interfacial region [28]. Independent methods of assessing the interfa-

cial regions for the polyethylenes agree with these values.

A description of the supermolecular structure, as observed by SALS and optical

microscopy, is given in Table 5. Both methods give essentially the same results. The

change in supermolecular structure with crystallization temperature follows the pat-

tern previously established [6, 30]. No describable structures are observed for rapidly

crystallized, quenched samples. Better organized spherulitic structures are observed
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as the isothermal crystallization temperature is increased. Quite surprisingly, there

are not major differences between the different molecular architectures when com-

pared under the same crystallization conditions.

Table 5 Supermolecular structures

Sample Microscope observations Small angle light scattering

HPBD49 (90°C) spherulites no pattern

HPBD49 (95.4°C) spherulites no pattern

HPBD49 (quenched) no structure no pattern

STAR/HPBD (90°C) spherulites spherulites: radius 3.7 µm

STAR/HPBD (95.4°C) spherulites no pattern

STAR/HPBD (quench) no structure no pattern

HPBD/APP (90°C) faint areas of disordered spherulites no pattern

HPBD/APP (95.4°C) spherulites no pattern

HPBD/APP (quench) no structures no pattern

Melting behavior

The cooling curves from the melt of the linear and diblock copolymers have been pre-

viously reported [12]. The main exothermic peaks, representing crystallization, are

very similar for these two polymers. On the other hand, the star copolymer crystal-

lizes at a lower temperature. All three polymers also display a small exothermic peak

at lower temperatures. This temperature is around 65°C for the linear and diblock co-

polymers and 55°C for the star copolymer. This secondary exotherm is observed in

most linear low density polyethylenes but not in the linear homopolymer. It has been

interpreted to be a consequence of the crystallization of a small number of short se-

quences confined to the interlamellar regions. The melting curves of the model copo-

lymers after cooling from the melt at 10° min–1 are shown in Fig. 5. Interestingly,

only a single endothermic melting peak is observed in Fig 5. indicating the presence

of a broad distribution of crystal thicknesses in the slowly cooled samples.

The melting temperatures of the quenched samples are also listed in Table 4.

The values for the linear and block copolymers are identical suggesting that, in fact,

the diblock copolymer presents microphase separation in the melt and that the phases

are strongly segregated. It is envisaged that relatively rapid crystallization freezes the

lamellar structure present in the melt with little interference of the amorphous block.

The crystallite structure developed is, thus, no different from that of the linear copo-

lymer. The melting temperature of the star copolymer is approximately 8°C lower. If

the crystallite thicknesses are the same for the three polymers this decrease in Tm can

be attributed to an increase in the interfacial free energy, Fen, of the mature crystallite.

The junction of the three arms, that is confined to the amorphous region, affects sig-

nificantly the topology and random defect composition distribution in this phase and,
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Fig. 5 Melting curves for model copolymers crystallized by cooling from the melt at
10 K min–1. Heating rate 10 K min–1

Fig. 6 Melting curves for model copolymers isothermally crystallized at 95.4°C and
subsequently quenched. Heating rate 10 K min–1



thus, the formation and melting of the crystallites. Melting of samples quenched to

–78°C resulted in very similar endotherms as those Fig. 5.

The isothermally crystallized samples present some interesting features. In a se-

ries of experiments the three copolymers were crystallized at 95.4°C in sealed glass

tubes and subsequently quenched in dry ice/2-propanol. The resulting melting curves

are shown in Fig 6. The low temperature endotherms at 85, 93 and 98°C respectively,

correspond to melting of the crystals formed on cooling. They are not of particular in-

terest in the present context. The crystals formed isothermally from the diblock and

star copolymers melt sharply as single peaks. The melting temperature of the star is

5°C lower than that of the diblock. The linear copolymer presents bimodal melting

behavior and the value of the highest melting temperature is identical to the melting

temperature of the block. The degree of crystallinity developed isothermally by the

linear copolymer or the block is also basically identical, 23 and 24% respectively.

The slower crystallization kinetics of the star copolymer hindered the development of

crystallinity at 95.4°C for the same crystallization time. However, when the content

of crystals formed on cooling is added to that formed isothermally, the degrees of

crystallinity of the three polymers are very similar as indicated in Table 4. Isothermal

crystallization at 90°C, followed by quenching, gave very similar curves. The melting

temperatures were slightly lower than for the higher temperature crystallization but

the differences were comparable.

The evolution of the melting endotherms with crystallization time shows some

unusual and unique features. Examples of this development are shown in Fig. 7 for

each of the model copolymers studied. In these experiments the fusion process was

started from the crystallization temperatures, without any cooling. The fusion of the

linear and star copolymers are separated by about 5°C. Initially only the high melting

peak is observed, the intensity of which increases with time. The low melting peak

develops subsequently and its intensity increases very rapidly. Only single peaked

endotherms, whose intensities increase with time, are observed for crystallization

temperatures above 103°C for the linear copolymer and above 93°C for the three-arm

star copolymer. In a similar manner only a single endothermic peak is observed after

rapid crystallization at low temperature. There is thus a window, or interval of crys-

tallization temperatures, that allows for the development of the two melting peaks in

these two copolymers. Two melting peaks have been reported previously for isother-

mally crystallized linear copolymers [31].

The temperature restriction on the development of the two peaks suggests that the

undercooling plays an important role, and governs the sequences that can participate in

the crystallization. At the high crystallization temperatures only the longest sequences

can participate. The undercooling will be too low to allow the shorter sequences to partic-

ipate in the nucleation process. At the low crystallization temperatures the nucleation re-

straint will be minimal so that effectively most of the sequences can participate, resulting

in only one endothermic peak. At the intermediate crystallization temperatures, the lon-

gest sequences, being at a larger undercooling will crystallize first. The shorter se-

quences, being at an effectively small undercooling, will crystallize at a slower but steady
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rate. Besides nucleation barriers the crystallization of the shorter sequences may also be

affected by segmental mobility, that will be decreased by the crystallization of the longest

sequences. As a consequence, within this window of crystallization temperatures two en-

dothermic peaks will result, each representing different populations of crystallizable se-

quences and thus crystallite sizes. Similar results with other random ethylene copoly-

mers, and a more detailed analysis, will be presented shortly.

Recently, two melting peaks were reported in hydrogenated poly(butadienes) that

were isothermally crystallized for ten min [32]. These results were explained by a model

that allows the crystallizable sequences to be partioned into two fractions based on

lengths established by crystallization temperature and kinetics. The Gibbs- Thomson

equation was used to establish the crystallite thicknesses at the crystallization and melting

temperatures. These were then related to the respective sequence length.

In contrast to the results for the linear and star copolymers shown in Fig. 7, the melting

curves for the diblock polymer only give a relatively sharp, single endothermic peak. Experi-

ments at other temperatures, over the isothermal crystallization range, give similar results. It is

tempting to attribute the lack of the second, lower melting endotherm to the influence of the

amorphous block in the microphase segregated melt. Preliminary crystallization and melting

studies with a similar diblock, but one that has a homogeneous melt [33, 34] has yielded two

melting endotherms similar to those shown by the linear and star copolymers. One would ex-

pect that with the restricted crystallization, the level of crystallinity of the diblock shown in

Fig. 7 would be lower than the linear copolymer. However, as is shown in Table 4, both poly-
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Fig 7 Melting curves for isothermal crystallization at the indicated temperatures after
different crystallization times. Heating rate 10 K min–1



mers develop comparable levels of crystallinity. A more extensive study, with a variety of

block copolymers with different melt structures, are needed in order to understand the results

with the diblock copolymer that was studied here.

Attempts to establish the equilibrium melting temperatures of the copolymers

studied here by means of Tm/Tc extrapolation failed. The results obtained were very

similar to those reported previously for a set of random ethylene copolymers [35].

These results, and those reported previously, emphasize the impossibility of using the

Hoffman-Weeks extrapolation method [36] to obtain the equilibrium melting temper-

ature of these types of random copolymers. The composition of the melt in these

types of copolymers changes during melting.

Conclusions

Model random ethylene copolymers of different molecular architectures and identical

crystallizing portions of the chain show differences in their crystallization behavior. The

overall crystallization rate decreases steadily from a linear to a diblock and to a star co-

polymer. The differences in crystallization rates are related primarily to the activation en-

ergy for segmental transport. Taking the linear copolymer as a reference, the segmental

mobility of the diblock copolymer is retarded by the heterogeneous nature of its melt. A

retardation in the rate of the three arms star is given by the long-chain branch nature of

this copolymer. The non-crystallizable structure also affects the crystalline amorphous

interphase and value of the basal interfacial free energy of the nucleus that develops.

In spite of the differences in their molecular structure, there are not major differ-

ences in the supermolecular structure of samples crystallized rapidly or slowly cooled.

The melting process followed by DSC of the isothermally crystallized linear and

star copolymers shows two endothermic peaks at intermediate undercoolings. The

double melting is associated with a partitioning of crystallizable ethylene sequences

during crystallization. The longest sequences are preferentially selected in the early

stages of the crystallization. Single melting peaks are obtained for high and very low

undercoolings for the linear and the star copolymers as well as for the diblock in the

whole range of temperatures. The lack of the second, lower melting endotherm in the

diblock could be associated with the influence in the crystallization process of the

amorphous block in the microphase segregated melt.
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